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Effects of Solidification Kinetics on the Phase Composition in Ni — Al System
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AbstractERapidly solidified ribbons of Al —20~80 at. % Ni alloys were obtained by planar flow casting. The
phase composition and microstructure of the melt — quenched ribbonswere investigated by X — ray diffraction
and transmission electron microscopy. The fractions of occurring phases in the rapidly solidified ribbons dif-
fered significantly from that in the conventional cast ingots. In the Al — rich alloysE-the fraction of the a« — Al
solid solution decreased drastically due to rapid solidification. Among all the intermediate phasesE-the fractions
of intermediate phases with lower liquidus temperature increaseE Al;Ni in relation to Al;Ni,£-AL3Ni, in rela-
tion to AINiE£O All observed intermetallic compounds Al;NifE-Al;Ni, and AINi in the as — quenched samples con-
tained less Ni content in comparison with the equilibrium data and conventional castings. In the Ni— rich al-
loysE-the fraction of AlNijz increased and the fraction of AINi decreased. The effects of melt — quenching on the
phase composition were explained on the basis of kinetic analyses of nucleation and dendrite growth of various
intermetallic compound phases. The nonequilibrium solute partitioning and solute trapping during rapid contin-

uous cooling lead to the increase of the effective alloy concentration for the phases with lower equilibrium lig-

uidus temperatureE-which favored both the nucleation and growth of these secondly solidified phases.
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Introduction

The current interest in intermetallic compounds
centers on their potential as new high — tempera-
ture structural materials with high melting temper-
atureE~comparatively low densityE-good oxidation
resistance and extreme hardness . A major draw-
back of these materials is their room — temperature
brittlenessE~which may be alleviated by controlling
of the phase composition and microstructure direct-
ly affected by the kinetic process of solidification.
Cahn et al. have shown that a noneqilibrium degree
of long — range chemical order or a fine pattern of
anti — phase domains might improve the ductility.
One route to noneqilibrium structure is rapid solidi-
fication. Boettinger and Az have shown that the
extension of solute trapping theory to the sublat-
tices in an ordered compound leads to a prediction

of disorder trapping at high solidification velocities.

Document codeE£°A

As the solidification velocity is increasedE-the loss
of interface equilibrium leads not only to solute
trappingE-but also to a reduction of the degree of
long — range chemical order. In the last few years a
series of theoretical and experimental work&l2 &
have been reported for the Ni — Al system in the
composition range around AINi and AINi; to inves-
tigate the effects of the deep undercooling on the
structure features of intermetallic compounds. Re-
centlyE-Assadi et A6EY
solidification kinetics of the L1, and B2 phases in
the Ni — rich part of the Ni — Al system. In their
paperE-based on disorder — trapping and dendrite —

presented an analysis of the

growth modelsE-the growth velocityE-the composi-
tion at the soli€ liquid interface and the long —
range order have been calculated as a function of al-
loy composition and undercoolingE-and experimen-
tal studies on the competitive phase selection and
growth behavior of these intermetallic compounds

and disordered {. c. c. solute solution have been per-
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formed using the electromagnetic levitation deep
undercooling technique.

Along with the high — temperature structural appli-
cationsE-the intermetallic compounds are also used
for various structural and functional applications.
For example£-Al — rich alloys are used as precursor
alloys for skeleton catalystsE=in which the phase
composition and microstructure features of the pre-
cursor alloys affected by the kinetic process of solid-
ification play an important role in the control of the
catalytic properties of prepared catalysts. These
precursor Al — Ni alloys usually involve the compo-
sition range around Al —25~35 at. % Nif-leading
to the appearance of Al3NiE-ALNi,£-AINif~« — Al
and other metastable Al — rich intermetallic phases.
Comparatively only limited work&7#have been re-
ported on the solidification kinetics and phase selec-
tion in the Al —rich part of the Ni— Al system.
Most of the published works in the Al — Ni system
focused on a single solidification step at certain un-
dercooling using the electromagnetic levitation deep
undercooling techniqueE~with which direct kinetic
measurements could be performed quantitatively.
Although the results can be applied to elucidating
the primary phase selection at certain undercoolingE-
the prediction of the entire phase composition as
the result of continuous cooling melt — quenching
still remains for further investigation. BesidesE-the
melt — quenching is the main feasible industrial
means to produce rapidly solidified alloys in large
quantity at the present period and for the years
coming on. The present paper presents experimen-
tal investigations of melt — quenched Al — Ni alloys
with 20 to 80 at. % Nif-intending to elucidate the
effects of solidification kinetics on the entire phase
composition and microstructure features in both Al
—rich and Ni — rich alloys within current theories
of nonequilibrium solidification of intermetallic
compoundsE-considering all possible steps of nucle-
atiolf growth competition between different phases

during continuous cooling of melt — quenching.
1 Experimental Methods

Preliminary alloys of Al— 2 at. % Ni with « =20£-
23.5£37.5E31. 5£E-36£-70£-75E-80 were prepared
from pure elements Al and Ni by vacuum induction
melting under argon atmospheref£ 40 kPa£0 The
prepared liquid Al — Ni alloys of different chemical

composition were cast into conventional metal

molds with the ingot diameter of 12 mm. The esti-
mated average cooling rate was about 10 KE sec.

From these ingots rapidly solidified samples were
produced by the planar flow casting technique.

Thus obtained alloy ribbons were 50 — 70 pm in
thickness and 3~ 5 mm in widthE-for which the es-
timated average cooling rate was about 6 X 10° KE
sec. The phase composition of the ingot and ribbon
samples of different chemical composition were in-
vestigated by X — ray diffractionf”” XRDECmeasure-
ments with a Philips PW1700 diffractometerfE-us-
ing Cu— Ka radiation. Both massive and powdered
specimens were used for investigation. The mi-
crostructures of ribbon and ingot samples were in-
vestigated by optical metallography and transmis-
sion electron microscopy with a JEM 2000 — FX
analytical electron microscope equipped with an
EDXS system. The TEM thin foil specimens were

prepared by ion beam thinning.
2 Experimental Results

Fractions of the occurring phases in conventional
cast ingots and rapidly solidified ribbons of the in-
vestigated alloys as measured by X — ray diffraction
are summarized in Tab.1 and Tab.3. In Tab.1 the
complete equilibrium phase fractions for each alloy
calculated in accordance with the existing Al — Ni
equilibrium phase diagram are also listed in compar-
ison with the experimental nonequilibrium results.
In Tab. 3 the phase fractions measured in annealed
samples are listed.

2.1 Al —rich alloys

In Tab. 1 considerable differences in phase occur-
rence induced by the kinetic factors of solidification
processing can readily be seen. Obviously£E-the
phase composition in the conventional ingots is far
from that in the equilibrium state. In comparison
with conventional ingot castingE—rapid solidification
processing tends to alter the fractions of occurring
phases mainly in two aspectsE%educing a — Al solid
solution and increasing the relative portion of inter-
mediate intermetallic compounds with lower lig-
uidus temperatur€ Al3Ni in relation to ALNiE~
Al;Ni, in relation to AINi £8-which is most promi-
nent in alloys Algy NiygE~Alsg s Nipz s and Aly, s
Niy7 5. All the observed intermediate phases in X —
ray diffraction measurements were identified as or-
dered intermetallic compoundsE-although lowering

of the degree of long — range order was observed£-
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especially for the phase AlsNi,. BesidesE-a mono-
clinic metastable phast ™ close to AlgNi, as reported
by Pohl&7£€has been observed in rapidly solidified
AlgyNiyy ribbonsE~and a quasicrystalline decagonal
phase was observed in rapidly solidified AlgyNiy £~
Al s Nirz s and Al 5 Niyy s alloy ribbons. The
structural similarities have been identified between
the ALNif£ ' D353£0and the metastable decagonal
phasesEand also between the AN DO, ECnd the
AlgNi, Tab. 1 both

metastable phases have been included into the

metastable phases. In

structurally related stable phases.
Table I XRD measured fractions™ wt. % £Cof

occurring phases in cast ingots and rapidly solidified
ribbons of Al— rich alloys

Alloy a—Al ALNi ALNi, AINi
ribbon 13.8 32.0 54.2”
AlgyNiyg ingot 32.7 19.1 48.2
equil. 16.7 83.3
ribbon 3.4  69.1 27.5*
Al sNiz s ingot  19.9 26.4 53.7
equil. 4.8 95.2
ribbon 28.9 59.7° 11.4
Al sNip; s ingot  11.1  18.3  54.5 16.1
equil. 76.9  23.1
ribbon 13.3  84.1 2.6
Algg sNiz; s ingot 3.2 10.2  82.1 4.5
equil. 38.5 61.5
ribbon 2.4 93.9 3.7
AlgsNizg ingot 3.8 91.1 5.1
equil. 100

* Decagonal phase included.
TEM micrographs and SAED patterns of rapidly
solidified samples Al sNiys s and Aly, 5Niy7 5 show
that in the rapidly solidified Alys 5Niyz 5 alloy the
primary grains of Al3Ni, and the Al3Ni grains were
in the size range of 200 ~ 400nmE-while smaller
particles of AzNE 40~50 nm £8mixed with a — Al
appeared in the intergranule regions. In the rapidly

solidified Aly, 5Niyy 5 alloy the microstructure var-

ied among different microareas. The primary AINi

£ only in small portion £&and Al;Ni, grainsformed as

matrixE-while a part of AlzNi grains seemed to be
precipitated from the Al;Ni, phase during subse-
quent cooling in the solid stateE~which was con-
firmed by a polycrystalline SAED pattern of an
AL Ni area. EDXS measurements of the chemical
composition of occurred phases gave some semi-
quantitative results as shown in Tab. 2£-which
were confirmed by the matter balance of component
elements Al and Ni in the overall alloy . Rapid so-
lidification induced the decreasing of Ni content in
all three intermetallic compounds Al;NiE~Al;Ni,
and AINi. The most prominent departure from the
equilibrium was observed for the Al;Ni, phase in
the alloys AlgyNiyE-Alys 5Nixs s and Aly 5Niyy 5.
Considering the existence of metastable AlyNi, and
decagonal phases as well as the nonequilibrium ex-
tending of the chemical composition ranges of oc-
curring phases as the result of solute trappingf-
these results seem to be understandable.
Table 2 Ni Contents at. %£Cf phases in
rapidly solidified Al — Ni alloys

Alloy a—Al  ALNi Al;Ni, AINi
AlgyNipg 2-4 22-24 25-28*
Al sNipzs  3-5 23-24 27-30%
Al sNiy.5 24-26 28-30" 35-37
Algg sNiz; s 24-26  32-34 40-42
AlgyNisg 24-26  35-37 40-42

* Mean value ofi ® Al3Ni, + decagonal phasei*
2.2 Ni—rich alloys
XRD measurementE Tab. 3£0show that in alloys
Al NizgE-AlLsNiss and AlyyNigy the occurring phas-
es were ordered AINE BE-B2£E-ordered Ni; AE "y £+
L1,£0and disordered solid solution y. The L1,
martensite was the product of phase transformation
of the B phase in the solid stat&EY

Table 3 XRD measured fractions wt. %£Cf occurring phases in Ni— rich alloys

Alloy Bord.b.c.c. £132 8 martensite f.c.t.£41.1, Y ord. f.c.c. £4.1, 7y disord. f.c.c.£Al

ribbon 28.5 26.2 45.3

Al Nigg ingot 47.8 34.4 17.8
anneal. 25.6 74.4
ribbon 10.5 5.1 84.4

AlysNiys ingot 32.2 14.2 53.6
anneal. 100.0
ribbon 100.0

Aly)Nigy ingot 100.0
anneal. 70.3 29.7
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Againfus in the Al — rich alloysE~considerable dif-
ferences in phase composition induced by the kinet-
ic factors of solidification have been observed in the
Ni— rich alloys. In alloys AlzyNiyy and Alys NizsE-
conventional cast ingots contained much less frac-
tion of ¥~ than in annealed samples refereed to as e-
quilirium stateE-correspondingly the fraction of J
increased prominently. In contrast with the ingotsE-
the melt — quenching has induced more fraction of
the 7" phase. In the AlyNigyE-both the ingot and
the ribbon samples were found to be consisted of
single ¥* phaseE~while the annealed sample con-
tained disordered ¥ phase beside the ordered Y’
phase. Although all the f. c. ¢. phase in melt —
quenched samples has been identified as a ordered
Y’ phaseEactually different degrees of long — range
order have been determined by XRD measure-
mentsE1in which the X — ray diffraction intensities I
of one supperlattice Edor ¥ 82 110£8¥and the corre-
sponding fundamental peak 1 220£8Y are deter-
mined using as a reference the ratiod 110888 220£0
=0.38 in the case of complete orderf” 7= 1£0and
the expression
_dap -1 _f[)..E 110

T3 TRUET00£0¢ 0. 38

HereEwf) is the fraction of Al atoms in sublattice B

£7_2££"1£©

of the LI, structure. The determination of 0 ac-

£7°af0 TEM micrograph of Al;)Ni;y ribbonf-
Y + B+ P grains

cording to eqnf” 1£€leads to the values of 7 as from
0.4 t00.99 in ingots and ribbons of different alloys
£ shown in Tab. 4£0
Table 4 XRD measurements of degrees of
long — range ordei£” nECin Y* — AINi; phase

Alloy AlgNizg  AlzgNizg  Al3gNigg
7 value  ingot 0.89 0.93 0.99
7 value ribbon 0.40 0.52 0.75

The results in Tab. 4 show that the 7 value de-
creased as the solidification velocity increased and
the decrease of the 7 value was most prominent in
the Alyy Niyy. There are possibly some problems
with the interpretation of the XRD results since
they may present an average value over regions of
different composition and degrees of order. In the
present case the measured values of 1 might be an
average over regions of ordered y" and disordered
Y.
Fig. £ aElis a TEM micrograph of an AlsyNiyq rib-
bon sample. SAED patterns from different grains
have shown the occurrence of ¥'£ and B — marten-
site. Fig. £ bEGs the SAED pattern from a ¥* grain
£i°Aitin Fig. £ a£80 The TEM micrograph of an
AlysNiys ribbon sample is shown in Fig. £ cE€The-
SAED pattern from a grairfi®Aj#in Fig. £ cEECis
shown in Fig. £ d£Gn the beam direction o£U112££-

where supperlattice spots can be recognized.

=

£7°bEO SAED pattem of " grain A ifi "aE80011£Y
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£7cE0 TEM micrograph of Al,sNi;s ribbonf-
Y + B+ B grains

£7°d£0 SAED pattem of " grain A ifi"cEE0112£Y

Fig.1 TEM micrographs and SAED patterns of Ni— rich alloy ribbons

3 Solidification Sequence in Al — rich Al-
loys

The finally formed phase composition of Al —Ni al-
loys with different chemical compositions can be in-
terpreted if all subsequently occurred processes of
phase transformation are taken into consideration.
In the cases of conventional cast ingots of Al —rich
alloysE—the lag of peritectic reactions AINi + L —
Al;Ni, and AlzNi, + L —AL;Ni has caused the re-
maining of the primary phasesE” AL3Ni, in alloys
Algy Niyy and Alyg s Niyz sE7AINi in alloys Alsp s
Niy; sE-Algg sNi3; 5 and Algy NizgECin the final mi-

crostructures and the existence of more Al — rich
melt at lower temperature than in the equilibrium
processEresulting in eutectic reaction and more o —
Al£ ALNi mixture in the microstructureE~which
should not happen according to the overall alloy
composition and the equilibrium phase diagram.
Taking the example of the alloy AlgyNiy E=nfter 48.
2 wt. % of the whole alloyE™ Tab. 1£O@solidified as
primary Al;NiE~the remnant melt should have
reached the composition of Al—16.4 wt. % Ni cal-
culated using the lever rule. Assuming that the fur-
ther transformation of the remnant melt proceeded

in a near — equilibrium way. It should have resulted

in 20.2 wt. % of AlsNi and 31.6 wt. % of a — Al £

which were very close to the XRD measured values
£719.1 wt. % and 32.7 wt. % respectivelyE-Tab.

1£0

For the same alloy under rapid solidificationf-high-
er cooling rate and larger initial undercooling re-
sulted in 54.2 wt. % of primary Al3Ni, with the
nonequilibrium Ni content of 25~28 at. % Tab. 1
and 2£0 Using the same lever ruleE-the composition
of the remnant melt could be calculated as Al —26.
7% Ni. Taking the experimentally determined Ni
content of the Al3Ni phase as 22 at. % or 38 wt. %

£ Tab. 1£€and assuming that the further eutectic re-

action took placeE-the whole microstructure should
have composed of 32. 2 wt. % ALNi and 13. 6
wt. % of a — AE "with the Ni content expanded to 2
at. % E-Tab. 2EObeside 54. 2 wt. % of ALNLE~
which were also very close to the XRD measured
value€ 32.0 wt. % and 13.8 wt. % respectively.
see Tab. 1£0 The smaller fraction of a — Al and rel-
atively larger fraction of the AlzNi phase in the rib-
bon can be explained by the fact that there was
lower Ni content both in AlzNi, and Al;Ni phases
especially in Al;Ni, owing to the nonequilibrium so-
lute partitioning under rapid solidification condi-
tionfE-which caused the remnant liquid less depleted
in Ni and the further reduction of the eutectic por-
tion. Similar solidification sequence analyses can be
carried out for Al 5Niy; sE7Al, 5Niyy 5 and oth-
ers. In the case of Aly; sNiys 5 ribbonE-the increas-
ing of the AI3Ni portion in the microstructure was
even more prominent and the absolute value of the
Al;Ni, portion decreased in comparison with the
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case of cast ingotsE-which can be explained by the
metastable extension of thdg® ALNi + L j#phase
boundary to a higher temperature and by the kinet-
ic factors controlling nucleation and growth under
high cooling rate in the melt spun ribbonsE-result-
ing in the suppressing of the further growing of the
Al;Ni, phase and promoting the solidification of the

secondary phase ANE to be detailed in next sec-
tionE@

4 Nucleation and Growth Competition

The competitive formation of different crystalline
phases from the rapidly quenched and undercooled
melt depends on the comparative nucleation and
growth rates. According to the classical nucleation
theoryE-the steady state nucleation raté™ Js£Gs giv-
en by the expression

Js = Agivexp — AGERTECE~  £72£0
Where AG ™ is the activation threshold for the for-
mation of a critical nucleusE-Ag is a prefactorE=+ is
Boltzmann constant and Ag is temperature. Both
Ag and AG * can be derived for different condi-
tions. Interpretations of the classical theory assume
a constant nucleation rateE-which is adequate pro-
vided the cluster populations evolve sufficiently
rapidly as the temperature changes. During rapid
solidification at large cooling rates this may not be
always the caseE-and the time dependent nucleation
analysis may become more reasonable. Based on
works in these respects under isothermal condi-
tionsE-the timef r£0dependent nucleation rate J,
can be related to the steady state nucleation rate
Js. I T is the time lagE-when ¢ = 5t£-J, reaches
very closely to steady state value Jg. The transient
time £ t,, = 5tE®for heterogeneous nucleation in
undercooled alloy melts can be given by the expres-
sion
[ = 7.2R£"8£(?Q at i T, £

I —cosl " dijeXiew DLipAS,, iaAT,’
£°3£0

where £ 6£Gs a function of the contact angle € in-

volved in heterogeneous nucleationE=X| ¢ is the ef-
fective alloy concentration taken as either X gf
Xqea when nucleus is rich in A or X gf X when
the nucleus is rich in B for a binary system£-d, is
the average atomic diameter of the solid phasef— is
the atomic jump distancef of the order of inter-

atomic distance£E-D; is diffusivity in the liquidE-

T,=TE TyE~T) is the liquids temperatureE-AT,
=1- T,£-AS,, is the molar entropy of fusion and
R is the gas constant. According to this formula-
tionE~during very rapid coolingE-a phase with the
shorter transient time will be favored to nucleate
primarily. On the other hand£-f the time duration
is longer than the #,, of competing phasesE-the Jg
can be used to assess the priority of phase nucle-
ation. The prefactorE~Ag in Jg expression can be
further related to X|go. £°0 and o,,£-where o, is
the molar solid — liquid interfacial energyf-s,, =
N,iad?iak s is the interfacial energyE-Ny is Avo-
gadro constant£® The activation barrier AG™ is
given in general by

AG™ = bjug’jef OBAG2E~  £74£0
Where b is a geometrical factorEAG,, is the driving
free energy for nucleation per unit volume of prod-
uct phase. The thermodynamic driving force in-
creases with the normalized level of undercooling
ATE'AT, £°T, — TET, =ATE T, £0 Further-
morefv is related to the molar value of the latent
heat AH,,E-molar volume V and N4 by
~ _aAH,
= VESNES

Where « is a structure dependent factor. According

£~ £°5£0

o

to equationf 3£8-in the transient regimef-at con-
stant 0£-the decisive parameters for the preference
of one phase to nucleate are the melt undercooling
ATEws well as AS,, and X go. According to equa-
tiorE’ 2£854£CanE "5£E-in the steady state regimef-
these decisive parameters are the melt undercooling
AT£EAiquid — solid interfacial energy ¢ and X gq-
The entropy of fusion term AS,, plays opposite
roles in the transient and or steady state regime.
While a phase of large AS,, will be favored to nu-
cleate due to its shorter t,£7a phase of low AS,,
will be favored owing to the lower AG ™. For the
investigated alloys in the present workE-the com-
peting phases AlzNiE~Al3Ni, and AINi are all or-
dered intermetallic compounds. The differences in
calculated values of AS,, for these phases are quite
small. Therefore £-the AS,, was not probably the
effective decisive parameter. The structure depen-
dent factor a in ¢ expression is unfortunately not
exactly known at the present stage of investigation.
Thus AT and X g are considered to be responsi-
ble for the nucleation competition in the investigat-
ed Al —rich Ni— Al alloys whether it is in the tran-
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sient or steady state regimes.

The priority of a phase in the solidification trans-
formation can be achieved by the favored nucleation
and or the enhanced growth rate. Calculations of
the growth rate for AL3NiE-ALNi, and AINi have
shown that the phase with lower equilibrium lig-
uidus temperature grows with a relatively higher
rate at enhanced cooling rate or undercooling dur-
ing melt — quenching owing to the higher values of
X a1 and interface diffusive speed. Nonequilibrium
at the solid — liquid interface is usually taken into
consideration by the kinetic undercooling AT}, and
by a velocity£ vECdependent solute distribution co-
efficient K, E£-which has been derived as

K- Kt P
1+ P;

Where P, = ay v£ D,E-P; is the interface Peclet
number for solute redistributionfE-D; is the interface
diffusion coefficientE~a is of the order of inter-
atomic distance and K, is the equilibrium solute dis-
tribution coefficient. At low velocities P; is much
smaller than 1 or K, £so that K, = K ,E-whereas at
very large velocities P; is much larger than 1 or
K,£wo that K, =1

the Ni content in the intermediate phases in the

. ObviouslyE-the decreasing of

rapidly solidified Al — rich ribbons has been caused
by the higher cooling rateEHarger undercooling and
higher growth rate.

During the melt — quenching of the Al — rich alloy
ribbons the initial undercooling could not reach the
temperature lower than the metastable liquidus
lines of Al3Ni in alloys AlgyNiyy and Alyg 5Niy3 5 or
ALND in alloys Aly, 5Niyy sE-Algg 5Niz; 5 and Algy
Nizg. Therefore the primary solidification of the
phases Al;Ni, or AINi was not avoidable. After the
first recalescence the remnant melt cooled continu-
ously to the temperature below the metastable lig-
uidus lines of AI3Ni or Al3Ni,E-when the nucleation
and competitive growth of the secondary phases be-
came possible. Although the undercooling for the
primary phases was larger than for the secondary
phasesE-but the value of X| . is much larger for
the secondary phasesE-which favored both the nu-
cleation and the growth of the secondary phases.
The higher the cooling rateE-the shorter was the
time duration for the first step of solidification of
single primary phasef-resulting in more space for

the secondary phases Al;Ni and Al3Ni,.

£76£0

5 Khnetic Analyses of Soledifcation in Ni —
rich Alloys

Fig.2 is a calculated Ni — rich part of the Ni — Al

62~ hased on the thermodynamic

£010£Y

phase diagrani
model of Ansara and Dupifi” ' and on the model
described iBU6EYfor the b. c. ¢. phase. For alloys
Al)Niy and AlysNizsE-the conventional cast ingot
contained smaller portion of the ¥ — AINi; phase
in comparison with the annealed sample. The dif-
ference was mainly caused by the sluggishness of
the B—7 transformation in the solid state. The oc-
currence of 3 martensite was an indication to it.

aal ala s adoenabosasl [y |
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]
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LY

1500 A .

1460 Jrrrprrrrpiraers N T.00N W, W—
0.50 0.55 0.60 0.65 0.70 0.75 0.30 0.85 0.9

Ni

Fig.2 Calculated Ni— rich part of
the Ni — Al phase diagram

The stable equilibrium boundaries are shown as sol-
id linesEmetastable extensions of these are dashed
linesEand the unstable equilibrium between the dis-
ordered b. c. c. phase and the liquid is represented
by the dotted lines.

According to Fig. 2£- at the composition of
Al NiyE-the metastable liquidus temperature for
v is 60 K degrees lower than the stable liquidus
temperature for B. During the melt — quenching
with the cooling rate of ~ 10° KE secE-the primary
nucleation of 8 was not avoidable. After the first
recalescence the remnant melt richer in Ni cooled
below the
metastable liquidus temperature for y. At this
stage of solidificationfalthough the higher £ L in-
terface energy for {. c. c. structure should not favor
the nucleation of ¥" — AlINi;E-but the effective alloy

continuously to the temperature

concentration X| . reached very closely to 1 for
the ¥' phaseE~which favored both the nucleation
and growth of the ¥" phaseE-eading to the increase

of the phase fraction of ¥* in the microstructure of
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melt — quenched ribbons.

For the alloy Alys NizsE-the metastable liquidus
temperature of the f phase is 8 K lower than the
liquidus temperature of the ¥’ phase. With the ini-
tial undercooling larger than 8 KE-which was cer-
tainly the case during melt — quenchingE-the com-
petitive nucleation and growth occurred at the first
stage of solidification. Due to the similar reasons as
for the alloy AlyNijyE-the phase fraction of ¥ in-
It is

worth mentioning that this trend can not be ex-

creased with the increase of cooling rate.

tended to further enhanced undercoolingE-for in-
stanceE-in the case of deep undercooling experi-

ments.
6 Conclusions

£71£0The phase composition in cast ingots£ 12
mm in diameter£Cof Al — Ni alloys is considerably
different from that in equilibrium state.

£ 2£CFor both Al — rich and Ni — rich Al — Ni
alloysE=rapid solidification by melt — quenching
leads to the increase of the fractions of intermetallic
compounds with lower equilibrium liquidus temper-
ature.

£°3£0The larger values of the effective alloy
concentration for the phases with lower equilibrium
liquidus temperature as the result of nonequilibrium
solute partition and solute trapping play a major
role in the changes of the phase composition in the
case of melt — quenching with mild initial under-

cooling.
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